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Review
Cavitation and cavity-induced fracture during
superplastic deformation
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The characteristics of fracture by cavitation in superplastic materials are reviewed. Particular

attention is paid to the theoretical developmental aspects of cavity nucleation, cavity growth and
cavity interlinkage. Various factors, including grain boundary sliding, impurity atoms or particles,
phase proportion, deformation temperature, strain rate, strain and grain size, are discussed. Finally,
methods for controlling cavitation during superplastic deformation are summarized, and problems

which require further work are also presented.

1. Introduction

Most superplastic materials develop internal cavita-
tion during superplastic deformation (SPD) whether
they be traditional quasi-single phase materials [1-9],
microduplex materials [10-22], or some recently de-
veloped advanced materials such as ceramics [23-31],
composites [32-35] and intermetallics [36-39]. Cavi-
tation plays an important role in SPD not only for
those materials that exhibit final fracture surfaces of
substantial area but also for those which pull down to
a fine point at fracture. It is recognized that cavitation
damage is responsible for the premature failure of
several superplastic alloys and excessive cavitation
may impose significant limitations on the commercial
use of superplastically formed components [40—46].
There is a vast volume of research on this subject
which has contributed to an increase in the under-
standing of the phenomenon. The aim of this paper is
to review theoretical aspects of superplastic cavitation
and propose some problems which demand further
research.

2. Cavity nucleation
2.1. Cavity nucleation models
In this section, it is appropriate to review cavity nuc-
leation models for creep, with the emphasis on the role
of grain boundary sliding (GBS) for two reasons.
Firstly, superplasticity has been observed in fine-
grained materials at temperatures above 0.4 °C of the
melting point, where creep also becomes significant.
Secondly, well-documented experimental evidence in-
dicates that GBS is a major feature in superplasticity
and contributes significantly to the total strain.
Even though cavitation at high temperatures has
been studied for several decades the mechanism for
cavity nucleation is still not fully understood. Green-
wood et al. [47] first considered that cavities could

nucleate by the continued condensation of vacancies
on grain boundaries which experience a normal tensile
stress. However, Balluffi and Seigle [48] soon pointed
out that the supersaturation of vacancies in the matrix
near a grain boundary could be relieved by diffusion
to the boundary rather than by precipitation of voids.
Intrater and Machlin [49] pointed out that the forma-
tion of voids was caused by GBS and that the number
of voids produced increased monotonically with the
amount of GBS. From this work it appeared that
vacancy condensation was not required for cavity
nucleation.

Gifkins [50] and Chen and Machlin [51] first pro-
posed that slip impingment produces offsets at the
grain boundary which are then opened up as cavities
by GBS, as shown in Fig. 1. Chen and Machlin [51,
52] pointed out that any discontinuity in the grain
boundary could act as a cavity nucleus. They remark-
ed that the sliding of the grain boundary over a dis-
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Figure 1 (a) Formation of a grain boundary ledge due to slip [50];
(b) the opening of a cavity due to the combined action of the bulk
deformation and GBS; (c) additional cavity formation by a repeti-
tion of the process.
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continuity could itself generate a sufficient concentra-
tion of stress to cause a void to nucleate. But, Harris
[53] noted that the step models were unrealistic be-
cause during a sliding burst the cavities would sinter
by diffusion immediately after they were formed. Har-
ris [53] calculated the rate of local GBS that must
occur for a particle-nucleated cavity of subcritical size
to increase its volume by continued sliding after local
rupture rather than to sinter together by stress dir-
ected diffusion, as shown in Fig. 2. The condition for

cavity nucleation is given by
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where v is the grain boundary sliding rate, D, is the
coefficient of grain boundary diffusion, 9 is the grain
boundary width, r is the radius of curvature of the
cavity, a is the radius of the diffusion field of atoms to
the void (half the interparticle spacing), y is the surface
energy, Q is the atomic volume, k is the Boltzmann
constant and T is absolute temperature. The problem
with Harris’s model is that the rate of GBS calculated
by Equation ! is much higher than average measured
sliding rates. However, it was demonstrated that mac-
roscopic sliding is not a smooth, continuous process
but is characterized by extended periods of zero dis-
placement followed by rapid bursts of sliding many
times faster than the overall average [49]. Unfortu-
nately, it is difficult to calculate the exact GBS rate
required for cavity nucleation.

Using the concept of classical nucleation theory,
Raj and Ashby [54] showed that the stress concentra-
tions set up by GBS can drive vacancies to cluster,
thereby forming cavities. Fig. 3 illustrates the model of
intergranular cavity nucleation by accommodation of
GBS at intergranular particles by diffusion, as pro-
posed by Raj and Ashby. Their model gives the follow-
ing expression
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Figure 2 Nucleation of a cavity at a particle on a sliding grain
boundary.
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Figure 3 Model of cavity nucleation proposed by Raj and Ashby
[54].
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where r, is the critical cavity radius for cavity nucle-
ation, vy is the surface energy and o is the applied
stress. Using the above results, Raj and Ashby pro-
posed a relationship for the cavity nucleation rate of

the form
5,Q
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where o, is the normal stress, P,y iS the maximum
number of possible nucleation sites per unit area, p is
the number of cavities per unit area in the grain
boundary and F, is a void shape factor which when
multiplied by r2 gives the volume of a critical cavity.
The value of F, is ~1 for cavity nucleation at a grain
boundary without particles, whereas the value of
F, may be as low as 0.01 for cavity nucleation at apices
of grain boundary particles. Generally, the increase in
energy for the particle-matrix interface or semi-coher-
ent particles involves a smaller value of F,, so that
nucleation at incoherent or semi-coherent particles
has a smaller value of F, than that for coherent pre-
cipitates on grain boundaries. In a subsequent paper,
Raj [55] showed in detail that cavity nucleation was
possible only above a “threshold” stress and that an-
incubation period was required to generate vacancy
cluster size by atomic and diffusive processes. Gener-
ally, the incubation time decreased as the volume of
the critical sized vacancy cluster decreased. The role of
GBS is to produce stress concentration and thus de-
crease the incubation time. According to Raj’s model,
the lower bound for incubation time for vacancies to
diffuse and coalesce to form a viable cavity nucleus is
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The characteristic time for relaxing the high stress
concentration by a diffusion process is given by
2 3
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Obviously, the value of ¢; should be less than that of
t4 for cavities to be nucleated under the stress concen-
tration by GBS. This condition has been found to be
satisfied for a copper alloy [55].

Although Raj and Ashby [54] produced a thermo-
dynamic criterion for the stability of the embryo cav-
ity and obtained the critical radius for cavity nucle-
ation, it should be pointed out that the effect of the
internal stress has been wrongly assessed where it is
given equal importance to-the effect of remote stress.
The shortcoming of Raj and Ashby’s model is that the
high strain energy of the stress concentration produc-
ed by a pile-up group of dislocations was neglected
when the energetics of cavity nucleation was con-
sidered.

Argon et al. {56] proposed another viewpoint on
cavity nucleation. Because very high stresses are
needed to cause nucleation to occur at observable
rates, they concluded that cavity nucleation is possible



during steady-state creep only when GBS is spas-
modic. However, Riedel [57] concluded that sliding-
induced cavitation is not possible under usual creep
conditions, because the time to relax the high stress
concentrations induced by GBS is typically much less
than the incubation time for cavity nucleation. Hirth
and Nix [58] also noted that the attainment of a state
of vacancy supersaturation to cavity nucleation at
sites of stress concentration is not easily attainable
under usual creep deformation conditions, because the
vacancy supersaturation requires long-range diffusion
and, hence, a long time.

More recently, Lim [59] proposed a cavity nucle-
ation model at high temperatures involving pile-ups of
grain boundary dislocations. Such a model offers an
attractive feature, namely, ahead of the pile-up there
exists a steady-state stress concentration for cavity
nucleation during secondary creep, as shown in Fig. 4.
This feature eliminates the problem of the requirement
of an incubation time as encountered in Raj and
Ashby’s sliding model. Lim [59] presented a detailed
thermodynamic treatment for cavity nucleation, with
emphasis on the respective roles of the remote and
local stresses. Lim’s analysis demonstrated that the
local stresses play only a secondary role and that any
effect of sliding is removed within 1 ms after the onset
of the GBS event. Lim [60] also extended his grain
boundary dislocation pile-up model to address the
problem of solute/impurity enhanced cavitation dur-
ing high temperature deformation. According to Lim’s
model, it is thus unlikely that cavities are induced by
sliding at elevated temperatures.

It is well known that GBS plays an important role
in the deformation of superplastic alloys and careful
measurements reveal that it contributes more than
50% of the total strain during SPD [61]. Recent
experiments have shown that this large GBS contribu-
tion remains undiminished even at high superplastic
elongations [62]. It is generally considered that cavity
nucleation during SPD is caused by a stress concen-
tration at a particle or ledge in the grain boundary
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Figure 4 Nucleation of a cavity ahead of a GBS pile-up at the
intersection of cell and grain boundaries [59] ; ¢(x) is the distribu-
tion function of the GBS in the pile up.

produced by GBS. This general conclusion is not in
agreement with Lim’s model [59].

The stress conditions for the nucleation of cavities
or cracks at obstacles due to GBS have been modelled
by Smith and Barnby [63] who endeavoured to ex-
plain how stress concentrations which were suffi-
ciently large to rupture atomic bonds could arise un-
der conditions of low applied creep stresses. Their
model is an outgrowth of the earlier ideas of Stroh
[64]. Fleck et al. [65] studied the nucleation of cavities
at irregular particles in a copper alloy and compared
the observed sliding distances between particles with
that required by the Smith and Barnby model. They
found the sliding distances to be too small to provide
decohesion and they suggested that a boundary dis-
location pile-up could be increased by addition of
a pile-up component in the matrix. Fig. 5a and b illus-
trates cavity nucleation mechanisms consisting of
stress concentrations produced by dislocation pile-ups
proposed by Smith and Barnby [63] and Fleck et al.
[65], respectively. There are two shortcomings in their
models, one is that the role of vacancy clustering for
cavity nucleation is not considered and the other is
that they do not provide a thermodynamic criterion
for the stability of the embryo cavity. As a result, the
model only gives an upper bound criterion for cavity
nucleation.

Very recently, Jiang et al. [66] proposed a new
cavity nucleation model for high-temperature creep
deformation. The authors make the point that cavita-
tion can occur by vacancy clustering where a disloca-
tion pile-up meets a grain boundary, as shown in Fig.
6. Cavity nucleation during creep deformation de-
pends not only on the stress concentration of a pile-up
group of dislocations but also on vacancy clustering.
The new equation for the critical radius of cavity
nucleation is

2y 2do
o T 5T 3E (©)
where r, is the critical radius of cavity nucleation, vy is
the surface energy, o is the remote applied stress, d is
the grain size and E is Young’s modulus. With the
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Figure 5 Models of cavity nucleation. (a) Pile-ups of dislocations at
particles in a sliding grain boundary [63]; (b) increase in the effective
length of a dislocation pile-up by the action of transgranular slip
[65].
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Figure 6 Nucleation of a cavity by vacancy clustering ahead of a pile-up of dislocations [66].

decrease of remote stress, the role of a pile-up group of
dislocations is decreased and the role of vacancy clus-
tering for cavity nucleation is increased; when the
applied stress is sufficiently small the equation can be
simplified to r. = 2y/o, which was proposed by Raj
and Ashby [54]. On the other hand, the role of dis-
location pile-ups is increased and the role of vacancy
clustering is decreased with an increase in the remote
stress. In the limit of large applied stresses, the critical
radius goes to zero and the upper bound stress for
cavity nucleation can be obtained, which is very sim-
ilar to that proposed by Smith and Barnby [63]. This
model brings the vacancy clustering cavity nucleation
model, proposed by Raj and Ashby [54], and the
stress concentration to rupture atomic bonds cavity
nucleation model, proposed by Smith and Barnby
[63], together as one equation. The model also ad-
dresses the transition condition between the two cav-
ity nucleation models.

Ghosh [1] proposed a dynamic cavity nucleation
mechanism for 7475 Al during SPD. He considered
that the possible sites for cavity nucleation were all on
the particles, and that the distribution of particles was

n(ry) = mee” v 7

where n, and a are constants and r, is the particle
radius; the formula indicates that the number of par-
ticles which have a radius of r, is n(r,). Ghosh assumed
that

c = 2y/r, (®)

Substituting Equation 8 into Equation 7 gives the
distribution of the number of cavities nucleated as

n(ry) = mee” 1° ©®

The above formula indicates that each particle will
correspond to a nucleated cavity.

Although Ghosh’s model successfully predicts the
increase in the number of cavities with an increase in
strain rate, or decrease in temperature, there is a large
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deviation between theoretical analysis and experi-
mental results. Furthermore, the possibility of cavity
nucleation at triple points or ledges was neglected in
this model.

2.2. Cavity nucleation sites

During SPD, cavities always nucleate at irregularities
along a grain boundary, since high stress concentra-
tions are typically produced at these irregularities.
These irregularities are generally considered to be
grain boundary particles, grain boundary ledges or
steps, and triple junctions. It is also possible for cavity
nucleation from pre-existing microvoids, that are in-
troduced during thermomechanical processing, to ap-
pear [41, 4446, 67].

In the following section, cavity nucleation at four
sites is discussed: (1) grain boundary particles; (2) grain
boundary ledges or steps; (3) triple junctions; and (4)
pre-existing microvoids.

2.2.1. Cavity nucleation at grain boundary
particles

It has been shown that the particle-matrix interface
on sliding grain boundaries is the most likely site for
cavities to form [54, 55]. Experimental observations of
cavitation in SPD have shown a correlation between
the presence of hard second-phase particles and cavit-
ation, particularly for quasi-single phase alloys [1-9].
Needleman and Rice [68] proposed a characterization
diffusion length, A, over which stress concentrations
are rapidly relaxed. This length is assumed to be equal
to the critical particle radius over which localized
Coble diffusion creep will not relax the large stress
concentrations caused by GBS. Accordingly, they pro-
posed that the critical particle radius is given by

Q3D 0 |2
A = [__k]%""} (10)



where Q is the atomic volume, § is the grain boundary
width, Dy, is the grain boundary diffusion coefficient,
k is the Boltzmann constant and 7 is absolute temper-
ature. The evaluation value of A by Equation 10 is
twice as large as the largest particles in Al- and Cu-
based superplastic alloys. This is not consistent with
the occurrence of extensive cavitation in these alloys
[69].

Recently, Chokshi and Mukherjee [69] pointed out
that the value of A may be substantially overestimated
if the calculations are performed using the grain
boundary diffusion coefficient, since the interphase
diffusion coefficient may be several orders of magni-
tude smaller than the single phase boundary diffusion
coefficient. In view of this, A may be expressed gener-

ally as
Q5Deff6 1/3
= 1
A [ kT¢ ] (1)

where D is the effective diffusion coefficient. When
the interphase diffusion is rate controlling, Equation
11 reduces to the form given by Equation 10 with
Dy, being replaced by D;,. If lattice diffusion through
the matrix is rate controlling, Equation 11 may be

expressed as
A = 12
[ nkTE :! (12)

Chokshi and Mukherjee [69] used Equation 12 to
calculate the critical particle radius for cavity nucle-
ation in Al- and Cu-based superplastic alloys. The
results indicate that the critical particle radius below
which cavities will not be nucleated are 0.6 and
0.02 pm, respectively (¢ = 10~* s~ 1), This means there
are more potential cavity nucleation sites in the Cu-
based alloy as compared with the Al-based alloy,
which is verified by many experimental observations
[2, 21, 69].

Fleck et al. [65] observed that cavity nucleation
occurred as a result of dislocation pile-ups at grain
boundary particles. In superplastic materials, exten-
sive GBS and pile-ups of dislocations during deforma-
tion can lead to a build-up of sufficiently large local
stresses around particles resulting in cavity nucleation
by a particle-matrix decohesion process. Based on
Harris’s [53] and Raj and Ashby’s [54] calculations
for the conditions under which stress concentrations
at particles on a grain boundary are relaxed by dif-
fusion, Stowell [41] proposed the critical strain rate
formula

) 2.90Q8D,,

b = odrZkT (13)
where £ is the critical strain rate below which cavity
formation is inhibited by diffusive stress relaxation,
a is the fraction of the total tensile strain accommod-
ated by GBS and r,, is the particle radius. Rearranging
Equation 13 gives

_ [ 290QéD,, |'/?
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Equation 14 can also be used to estimate the critical
particle radius for cavity nucleation. Equations 13 and

14 are consistent with observations of cavities in
superplastic aluminum alloys [9, 41].

2.2.2. Cavity nucleation at grain boundary
ledges or steps

Experimental results have revealed that grain bound-
ary particles are not always a prerequisite for cavity
formation. Grain boundary ledges or steps and triple
points can also be cavity nucleation sites, especially
for many microduplex alloys, such as Zn—22%Al [21,
69]. Up to now there have been very few theoretical
studies of cavity nucleation at grain boundary ledges.

Gifkins [50] first proposed the idea of cavity nu-
cleation at grain boundary ledges. Based on this hy-
pothesis, Chan et al. [70] proposed a model for cavity
nucleation at grain boundary ledges. The basis of the
model is that the probability of cavity nucleation at
ledges depends on the relative magnitudes of the incu-
bation period to nucleate cavities and the time neces-
sary to relax stress concentrations by diffusion creep.
The model was consistent with experimental observa-
tion of ceramics subjected to compressive loads [70].

Recently, based on the principle of Chan et al.’s [70]
model, Chokshi and Mukherjee [69] developed
a model for cavity nucleation at grain boundary ledges
during SPD for microduplex alloys. The model as-
sumes that grain boundaries contain ledges with
height h and with an inter-ledge separation distance /.
Grain boundaries slide with a characteristic relaxation
time, 1,4, leading to the development of stress concen-
trations at ledges. Cavities may nucleate at grain
boundary ledges if the incubation period for cavity
nucleation t;, is less than the characteristic time for the
relaxation of stress concentration by localized diffu-
sion creep, ty.

Using Argon et al’s [56] result, an expression for
the characteristic time for GBS, t,,, is

BkT

I ik 1
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where B is a geometrical interaction parameter that
depends on h and A.

Using Chan et al’s [70] result, the characteristic
time for the relaxation of a stress concentration by
grain boundary diffusion (GBD), 1,4, is

3
_ (1 —Vv)kTh (16)
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After simplification, Chokshi and Mukherjee [69] ob-
tained a relationship for the characteristic incubation
time, t;, of the form

fq

25 3 3
f = D0 (1)
5ng0' A
The general conditions for cavity nucleation at grain
boundary ledges is ty, < t; < ¢4
Combining Equations 15-17 and substituting 1 — v
= 0.7and Q = 0.7b3, Chokshi and Mukherjee [69]
obtained the condition for cavity nucleation

h [ BKTG?h \V* ()%
I><250anby3> (E) (18)
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Chokshi and Mukherjee’s [69] analysis shows that
cavities may nucleate at grain boundary ledges under
a limited set of experimental conditions, as shown in
Fig. 7, which may be achieved during the SPD of
microduplex alloys.

Although Chokshi and Mukherjee [69] considered
the role of GBS for cavity nucleation, the shortcoming
of their models is that the grain boundary dislocation
pile-up, which may lead up to a build up of sufficiently
large local stress around the irregularities, is not con-
sidered. In a recent model by Lim [59], it was deter-
mined that GBS cannot lead to cavity nucleation at
ledges, because the transient stress concentration by
sliding is estimated to be less than 1 ms, much smaller
than the lower bound incubation time for vacancies to
diffuse and coalescence to form a viable cavity nu-
cleus.

2.2.3. Cavity nucleation at triple junctions

It is well accepted that a triple point is another cavity
nucleation site during SPD because the stress concen-
tration by GBS at triple points is difficult to relax [44,
45]. For recently developed superplastic 3YTZ, com-
posite 3Y20A and yttria-stabilized tetragonal zirconia
ceramics, cavities are often found to nucleate at triple
point junctions [24, 25, 28]. For traditional quasi-
single phase 7475 Al, 12%Cr-Mo-V steel and micro-
duplex Zn-22%Al, cavities are also typically found at
triple junctions [8, 21, 717. Up to now, there have been
very few theoretical analyses that address this phe-
nomenon. However, preferred cavity nucleation at
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Figure 7 Schematic cavity nucleation map illustrating the limited
range of h/A and o/G over which cavities may nucleate at grain
boundary ledges {69].
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triple junctions is reasonable since stress concentra-
tions develop there as a consequence of GBS.

2.2.4. The possibility of cavity nucleation from
pre-existing microvoids

It has frequently been suggested that cavities may
pre-exist in superplastic alloys due to the extensive
thermomechanical treatment used to produce the fine
grain size [41, 44-46, 67]. Stowell [41, 46] suggested
that cavities may pre-exist at zero strain. His analysis
predicts that the volume fraction of cavities, @, should
have an exponential dependence on strain, &, accord-
ing to the relationship

® = ®ln(ne) (20)

where @, is the level of cavitation at zero strain and
1 is a parameter which usually has a value in the
range 2-3, but is dependent on the alloy, strain rate,
temperature and grain size. Stowell’s suggestion is
supported by, for example, the microstructural obser-
vation of Caceres and Silvetti [67] on a quasi-single
phase Zn-22%A1-0.5Cu alloy where it appears that
cavities are nucleated at Fe-rich particles in the prior
thermomechanical processing.

Recently, Chokshi and Mukherjee [61] pointed out
that, since cavity size is typically plotted on a logarith-
mic scale, an extrapolation of such plots to zero strain
will always give a positive offset, irrespective of
whether cavities pre-existed or not. Thus, it is noted
that, while such plots may be useful in examining the
increase in the total level of cavitation damage with
strain, they do not provide any evidence for pre-
existing cavitation.

It is not possible to rule out the existence of very
small voids with dimensions of less than 0.1 um in
numerous microstructural investigations on unde-
formed superplastic alloys using transmission electron
microscopy (TEM), in view of the resolution and
sampling limitation of microstructural techniques
used. Chokshi and Langdon [21] recently proposed
that the time, t, required to remove a void of radius
r by sintering during high temperature SPD [21, 69] is
given by

ok Tr
QydD,,

(21)

where v is the surface energy and ¢ is a constant
having a value of ~0.6. The stability.of a small cavity
before high temperature SPD may be evaluated using
the above equation. For example, for microduplex
Zn-22%Al [21] and quasi-single phase 7475, or 7075
Al alloy [8, 9], the analytical results show that small
pre-existing cavities will sinter rapidly at the elevated
temperatures used for SPD. Thus, it is reasonable to
assume that cavities do not grow from pre-existing
microvoids which may be induced during thermo-
mechanical processing.

2.3. Cavity stringer formation during SPD
A striking feature of cavitation in superplastic mater~
ials is the frequent observation of cavities that are



aligned in stringers parallel to the tensile axis [72].
Cavity alignment in stringers was reported in both
microduplex alloys, such as Zn-22%Al [19, 21, 73]
and quasi-single phase alloys such as 7075 and 7475
Al [9, 74], copper alloys [4, 5, 7, 75-77] and stainless
steels [78, 79].

There are still many unanswered questions invol-
ving: (1) the mechanism of cavity stringer formation;
(2) the effect of strain rate, strain and rolling direction
on cavity stringer formation; and (3) the effect of
particle stringers on cavity stringer formation.

Van Riet and De Meester [80] first proposed the
mechanism for the formation of cavity stringers paral-
lel to the tensile axis. In this mechanism, the sliding of
a cluster of grains generates a stress concentration
which may be relieved by the formation of a cavity
translating the problem of accommodation to another
boundary along the side of the sliding cluster. In this
way, a row (or stringer) of cavities may develop until
the difficulties of accommodation are essentially dam-
ped out. However, Van Riet and De Meester’s mech-
anism of cavity stringer formation does not explain
why the cavity stringers are aligned to the tensile axis,
nor why the cavity stringers are only observed for
relatively large superplastic strains.

Recently, Chokshi [ 72] performed a detailed experi-
mental study on the alignment of cavities in a super-
plastic commercial copper alloy. He found that cav-
ities were observed to form in stringers parallel to the
tensile axis due to cavity nucleation at an aligned
stringer of large Co-rich particles present in the as-
received alloy. His experimental results indicate that
cavity stringers are observed only in specimens exhib-
iting large elongations to failure. He reasoned that this
observation may relate either to an extensive trans-
verse interlinkage of cavities that makes the appear-
ance of stringers obvious or to a requirement of large
strain deformation for the actual formation of cavity
stringers.

The lack of stringers in specimens exhibiting elonga-
tion of <400% are consistent with similar obser-
vations reported recently by Ma and Langdon [31].
In this paper, the experimental observations showed
that there is no evidence for the formation of cavity
stringers along the tensile axis for yttria-stabilized
zirconia ceramics. This may be due to the fact that
these observations were for relatively low strains.

In more recent studies, cavity stringers have also
been found in advanced superplastic materials, such as
a fine grained yttria-stabilized tetragonal zirconia ce-
ramics [24], and boron-doped Ni;Al intermetallics
[37]. In these materials, optical micrographs reveal
that cavities aligned in stringers parallel to the tensile
axis. Mukherjee and co-workers [37] proposed that
large particles were broken into small pieces and alig-
ned in stringers parallel to the rolling direction while
the Ni;Al was cold rolled to 70%. Subsequently, cavi-
ties nucleated at these small particles and resulted in
the manifestation of cavities aligned in stringers paral-
lel to the tensile axis.

Another interesting phenomena concerns the effect
of the rolling direction on cavity stringer formation.
There are two different results for this effect depending

on the alloy under investigation. Chokshi and Lan-
gdon [7] found that for a quasi-single phase copper
alloy containing Co-rich particles, the cavities tended
to form in stringers that were always oriented along
the rolling direction regardless of the direction of the
tensile axis. However, Jiang et al. [9] recently found
that cavities in the quasi-single phase 7075 Al alloy
containing Fe- or Si-rich particles tended to form in
stringers that were always oriented along the tensile
axis regardless of the rolling direction. The above
experimental results indicate that stringers of particles
may assist in the formation of cavity stringers in some
materials, such as the Cu alloy containing Co-rich
particles studied by Caceres and Wilkinson [5] and
Chokshi and Langdon {7], but they are not a pre-
requisite and they are not always responsible for the
formation of cavity stringers. For commercial micro-
duplex Zn-22%Al alloys containing impurities higher
than 6 p.p.m., it was shown that cavity stringers are
always aligned parallel to the tensile stress, regardless
of the rolling direction [21, 81]. In this case it can be
concluded that cavity stringer formation is in some
way caused by the SPD. In summary, an understand-
ing of cavity stringer formation mechanisms is very
important because it is a key to the development of
methods for predicting and preventing cavity nucle-
ation during SPD.

2.4. Factors that influence cavity nucleation
Cavity nucleation is affected by two types of factors:
one is characterized by experimentally imposed fac-
tors, such as temperature, strain rate, strain and stress
state; the other type is intrinsic to the materials them-
selves, such as grain size, phase proportions, impurity
atoms or particles, grain boundary surface energy.
Many of these factors are interdependent. It is not the
purpose of this section to discuss all of the factors that
influence cavity nucleation that are discussed in the
literature [42-45]. Rather, it is of interest here to
discuss some apparently conflicting aspects.

241, GBS

It is well accepted that GBS plays an important role in
the deformation of superplastic alloys. For exampie,
careful measurements reveal that GBS contributes
more than 50% of the total strain during SPD
[82-88], and cavity nucleation is caused by the stress
concentrations produced by GBS. Experiments have
shown that this large GBS contribution to the total
strain remains undiminished even at high superplastic
elongations [62]. However, Mayo and Nix [89, 90]
suggested that sliding is important only in the initial
stages of deformation from the results of their torsion
experiments on Pb-62%Sn and Zn-22%Al, and
micro-independent studies on Pb—62%8Sn. In order to
explain the grain shape changes during torsion testing
of Sn—38 wt % Pb, they proposed a core-mantle model
of SPD in contrast to the sliding-with-accommoda-
tion theories envisioned earlier. The basic idea of their
model is that two deformation mechanisms operate
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simultaneously at different strain rates within a single
grain.

Valiev and Langdon [91] and Langdon [92] re-
cently proposed that GBS and the associated relative
translation of individual grains represents the dom-
inant deformation mechanism throughout superplas-
tic flow based on an investigation of the role of intra-
granular dislocation strain in a superplastic Pb—62%Sn
eutectic alloy. Furthermore, it was proposed that in-
tragranular dislocation movement occurs only as an
accommodation process. Langdon [93] also pointed
out that there is an important difference between ten-
sion and torsion testing because the area of a longitu-
dinal section will increase during tensile deformation,
whereas in torsion the area remains unchanged. Con-
sequently, sliding should be significantly easier in
tension than in torsion. Accordingly, the following
requires further study:

1. the effect of stress state on the role of GBS in
SPD;

2. the effect of GBS on cavity nucleation during
superplastic flow.

2.4.2. Impurity atoms and particles

Recent experimental observations of cavitation in
superplastic alloys, as well as previous investigations,
have indicated that there is a correlation between the
presence of impurity atoms or hard second-phase par-
ticles and the presence of cavities [2, 5, 7-9, 94-96]. As
shown in Fig. 8, there are almost no cavities nucleated
over the entire life of ultra-high purity Zn-22%A1[81,
97] during SPD, extensive cavitation is found only in
the vicinity of the fracture tip. The addition of im-
purity atoms leads to the formation of cavities during
subsequent deformation, and the more the impurities
present the more the cavities nucleated. It was also
found that the impurity effect in region I is more
obvious than that in region II. This finding is an
indirect demonstration of the hypothesis proposed by
Mohamed [98], that the presence of the threshold
stress in region I is due to the strong segregation of

Grade 1

Grade 2

Grade 3

1 mm

Figure 8 Cavitation in Zn-22%Al grades for g; = 1.33 x 107 %s7!
{97]. The micrographs correspond to grade 1 (180 p.p.m. of impu-
rities), grade 2 (100 p.p.m. of impurities) and grade 3 (6 p.p.m. of
impurities).
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impurity atoms at boundaries and their interaction
with grain boundary dislocations.

Chokshi and Mukherjee [69] have reported that
cavities in quasi-single phase alloys are considered to
nucleate predominately at coarse grain boundary par-
ticles, whereas in microduplex alioys cavities tend to
form at interphase boundaries and at triple junctions.
Jiang et al. [9] have reported TEM observations,
shown in Fig. 9, and a theoretical analysis which
indicates that the cavities in quasi-single phase high
strength aluminum alloys are preferentially nucleated
at small particles or irregularities in the grain bound-
ary during SPD. The primary driving force for cavity
nucleation is the high stress concentration at discon-
tinuities in the plane of the grain boundary due to
GBS. Consequently, the distribution of the particles
will have a significant effect on cavity nucleation.

Park and Mohamed [97] have discovered that im-
purities play an important role in cavity nucleation in
microduplex Zn-22%Al alloys. It was found that
higher impurity levels gave rise to a greater extent of
cavitation, as shown in Fig. 8. The cavity nucleation
model by Chokshi and Mukherjee [69], for microdu-
plex alloys, did not consider the role of impurity
atoms. It was suggested that the main sites for cavity
nucleation are steps or ledges on grain boundaries in
microduplex alloys. If this suggestion is correct, cavi-
ties will also be nucleated in high purity Zn-22%Al
because steps or ledges exist regardless of the impurity
content. In fact, cavities are almost never nucleated in
uitra-high purity Zn-22% Al [81, 97]. Thus, another
cavity nucleation mechanism is needed to account for
this finding.

It has been shown in Raj and Ashby’s [54] model
that the particle-matrix interface on sliding grain
boundaries is the most likely site for cavities to form.
According to this model, the stress concentration pro-
duced by GBS and low surface energies combine to
produce the critical cavity volume. According to a re-
cent analysis by Lim [59, 60], the stress concentration
produced by GBS should consider the role of grain
boundary dislocation pile-ups. It was shown that im-
purity enhanced cavitation is a complex phenomenon.
The findings also indicated that impurities, which are
surface active, reduced the boundary diffusivity and
decreased the creep resistance of the material, and
were most deleterious. These impurities can reduce the
threshold stress for cavity failure of the material by
about one order of magnitude.

2.4.3. Grain size

It is well recognized that cavity nucleation is de-
creased by a decreasing grain size. In the superplastic
Zn-22% Al alloy, cavitation was found to be minimal
when the grain size was less than 5 um, but increased
quite markedly with an initial grain size in excess of
5 um [73]. Therefore, it appears that cavity nucleation
is generally a result of the stress concentrations arising
from incomplete accommodations of GBS. In fine
grained materials stress concentrations are relatively
minor due to the small mean free length (triple point
separation) associated with GBS. It was shown in
Equation 6 that a decrease in grain size will lead to an



Figure 9 Cavity nucleation in 7475 Al during SPD [8], at: (a) an
intergranular particle; (b) a triple junction; (c) a grain boundary
ledge; and (d) a large particle in the grain boundary.

increase in the critical radius for cavity nucleation.
Generally, grain growth will occur during SPD lead-
ing to a continuous increase in the nucleation of cav-
ities during deformation.

It was reported in a recent article by Chokshi [28]
that the analytical method by Raj and Ashby [54] will
not lead to a reasonable result in superplastic nano-
crystalline ceramics. According to their analytical
method, the critical radius of cavity nucleation is as
follows

v/ (6)
0.70',1 + ('ng/d)

where f(0) is a shape factor. The above equation
indicates that a decrease in the grain size, d, will lead
to a decrease in the size of a stable cavity nuclei, so
that cavity nucleation will be facilitated. However, this
contradicts the general recognition that cavity nucle-
ation is decreased by decreasing grain size. It seems
that a new mechanism of cavity nucleation is needed
for nanocrystalline materials.

Te

22)

2.4.4. The effect of strain, temperature and
Strain rate

The number of cavities generally increases with in-
creasing strain, with the rate of increase depending on
both the temperature and strain rate. The stress con-
centration arising from grain or interphase boundary
sliding seems to be at the origin of the formation of the
cavities, which are often associated with triple points,
hard particles or phases. Increasing the temperature
and decreasing the strain rate would reduce cavity
nucleation by increasing the time available for dif-
fusional accommodation. The influence of temper-
ature on cavity nucleation is difficult to separate from
other parameters, such as grain size and phase propor-
tion, since increasing temperatures lead to an increase
in the rate of grain coarsening and a change of the
phase proportion for several alloys. It is well known
that increasing the volume fraction of the harder
phase in a two-phase alloy, such as o/ brass or o/B
Cu-Ni—Zn, enhances cavity nucleation {13, 15, 17,
991].

Equation 10 predicts that a decreasing strain rate
would reduce cavity nucleation by increasing the time
available for diffusional accommodation. According
to Equation 6 and o = c£™ the following is obtained

2y 2dceg™
cE™ 3E

(23)

where ¢, d, v and E are constant for a given material
and temperature. The above formula shows that it is
possible to reduce cavitation by lowering the strain
rate. Such an effect of the strain rate was observed in
several alloys [100-102], but, there are also some
alloys in which cavity nucleation is independent of
strain rate [11, 103, 104]. Furthermore, it was found
that a decrease in strain rate led to an increase in the
level of cavitation in microduplex steels [105]. In
microduplex Zn—22%Al eutectoid it was found that
cavitation was of greater importance at very low strain
rates [22, 81, 97].
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3. Cavity growth mechanisms

The cavity growth mechanisms during high temper-
ature creep deformation have been investigated ex-
tensively. Many of these mechanisms are relevant to
superplastic alloys. Basically, there are four distinct
mechanisms of cavity growth in SPD: (1) stress as-
sisted vacancy diffusion; (2) superplastic diffusion
growth; (3) plastic deformation surrounding the cavi-
ties; and (4) cavity growth by cavity interlinkage.

3.1. Diffusion controlled cavity growth
mechanism

The first important treatment of diffusive cavity
growth was given by Hull and Rimmer [106] who
showed that the volumetric growth of a grain bound-
ary cavity should be limited primarily by diffusion in
the adjoining grain boundary. Subsequently, several
models [107-110] were proposed with different modi-
fications and improvements. Two cavities, separated
by a distance of 2a, may grow towards each other by
absorbing grain boundary vacancies with the driving
force for vacancy flow given by the difference in chem-
ical potential along their common boundary. Speight
and Harris [109] derived a relationship for the rate of
this cavity growth by diffusion of the form

dr . Q8D — (2v/r)]
de 22k Tk

(24)

where o is the applied stress, ¢ is the strain rate, r is the
cavity radius and o, is a cavity size-spacing term
defined as

1 —r?/a?

T @) = (1= 2ad)2 @3)

Later, Speight and Beere [107] proposed another rela-
tion for this term

1

Ay = ln(a/r) ___ (1 — 7‘2/112)(3 _ r2/a2)/4 (26)

which is considered to be more complete than that for
oy [111]. The above cavity growth mechanism has
been widely used in SPD assuming a constant value of
o, [108]. However, recent analysis by Ma and Lang-
don [111] indicates that the assumption of a constant
value of «, is reasonable only for large-grained poly-
crystalline materials and not for superplastic materials
where the grain size is typically very small.

3.2. Superplastic diffusion controiled cavity
growth

Diffusion models developed to describe cavity growth
in coarse-grained alloys undergoing creep deforma-
tion consider small cavities which are situated on
grain boundaries perpendicular to the tensile axis.
There is an enhancement in the diffusional growth of
cavities if the cavity size exceeds the grain size since
vacancies may diffuse into the cavity along a number
of grain boundary paths. Chokshi and Langdon [112]
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developed a model giving the rate of change of the
cavity radius with strain due to superplastic diffusion
as

dr . 4508D,, <g> o

de  dkT \&
where r is the cavity radius, ¢ is the total strain and 4 is
the spatial grain size. A special feature of the above
formula is that the change of cavity size with strain is:
(1) independent of the instantaneous cavity radius and
(2) inversely proportional to the square of the grain
size. But there are three limiting conditions for the use
of the model: (1) low strain rates; (2) intermediate
testing temperatures where vacancy diffusion into the
cavities occurs predominantly along grain boundaries
rather than through the lattice; and (3) fine grain sizes
of the order of <5 um. These conditions have re-
stricted the application of the model.

Although this model satisfactorily treats small
round individual cavities having radii up to ~ 15 pm
[113], it does not consider the interaction and coales-
cence of adjacent cavities. During SPD the growth of
many of the larger cavities involves coalescence. It
appears that another model incorporating coalescence
is needed to explain cavity growth behaviour during
SPD.

Ma and Langdon [114] developed a new model for
the growth of an isolated cavity to sizes exceeding the
grain size. This model is termed “single cavity super-
plastic diffusion growth” (SCSPDGQG). This theory ac-
counts for the multiple fast diffusion paths that are
provided by the grain boundaries which intersect the
cavity. It leads to a value of dr/de which is propor-
tional to both 1/d and to a complex function of r. The
model may be important in superplastic ceramics me-
tallics and alloys where the grain size is extremely
small.

3.3. Plasticity-controlled cavity growth
mechanisms

3.3.1. Hancock’s model
During SPD cavities may grow by vacancy condensa-
tion controlled by diffusion or by the action of the
applied stress producing strains at the surface of the
cavity which cause it to grow. The latter mechanism
does not involve a vacancy flux to the cavity. Hancock
[115] was first to propose the plasticity-controlled
cavity growth mechanism. The basic assumption of his
model is that cavity growth is controlled by plastic
deformation of the matrix around the cavity. His work
led to the following equation

dr 3y

&~ 28)

The first term corresponds to cavity growth by plastic
deformation around the cavity and the second term
corresponds to the effect of surface tension which
tends to shrink the cavity at low stress levels. This
equation has been widely used in SPD. It successfully
predicts large elongated cavities that form during
creep and SPD [115].



3.3.2. Stowell’s model

Stowell [116] proposed a semi-empirical plasticity-
controlled cavity growth model for fine grained mater-
ials during SPD. According to this model the volume
fraction of cavities, C,, during deformation is given by

IOg = Heém — (ST - Sm) (29)
CVO

where C,, is the initial fraction of cavities at zero
strain, g, is the deformation far away from the cavity,
et is the total deformation and p is a strain concentra-
tion factor taking into account the anisotropy of
growth in the direction parallel and perpendicular to
the tensile axis. The term (er — &) corresponds to the
increase in deformation resulting from the presence of
the cavities. The value of p~ 1.5-3 has been reported
for many superplastic alloys.

Based on the models of cavity growth proposed by
Hancock [115], Hull and Rimmer [106] and Beere
and Speight [107, 108], Stowell [46] proposed a rela-
tion for the cavity volume increase rate controlled by
plastic deformation of the form

- = JUé (30)

where dv/dt is the change rate of cavity volume with
time, 1} is a parameter of cavity growth rate and & is
the true strain rate. Pilling and Ridley [45], based on
the results of Cocks and Ashby [117] and Stowell et
al. [118], found that

3lm+1], 2—m\{ks P
n = E[T ]S‘”"H_um)(?‘aﬂ Gl

where P is the superimposed pressure, o, the equi-
valent uniaxial flow stress and kg is a constant. The
value of kg is equal to 1-2 for uni-axial tension,
1.73-2.31 for plain strain and 2-2.5 for bi-axial ten-
sion. The value of kg depends on the extent of GBS
during deformation. The lower values represent the
case for no GBS whilst the higher values would be
valid when the boundaries freely slide. In SPD,
ks values of 1.5 and 2.25 have been adopted for uni-
and bi-axial deformations, respectively. The above
relationships are in good agreement with experimental
data for a wide range of superplastic alloys [45, 118].

3.3.3. Cavitation models for two phase
alloys
Belzunce and Suery [14] developed a model of cavity
growth by plastic deformation of the soft B-phase
surrounding cavities in brass. By assuming a cylin-
drical cavity whose shape is maintained and by neg-
lecting the effect of the cavity surface energy, the cavity
growth rate is

dr o, r s
3g(0) "

— = £
e 37

where r is the mean equivalent radius, £; and ér are the

B-phase strain rate and the total strain rate, respect-

ively, and g(a) is equal to £r/£;. Because the proposed

model assumes that plastic deformation of the soft

(32)

B-phase controls the cavitation behaviour in brass, the
cavity growth relationship is of the same general form
as that usually reported for cavity growth controlled
by plastic deformation, i.e.

— = C'rérp (33)

where ¢’ is a constant with a value close to unity [119].

More recently, Ma and Langdon [120] have util-
ized a model for crack-like cavity growth to analyse
cavitation in an Al-Li alloy; this is important under
conditions where the rate of vacancy transport by
surface diffusion is not significantly greater than the
rate at which vacancies arrive at a cavity tip by GBD.
An important difference between diffusion- and plas-
ticity-controlled cavity growth arises from the fact
that the former mechanism predicts the rate of change
of cavity volume with time to be almost independent
of the current volume, where as in the latter mech-
anism these parameters are proportional to each
other.

3.4. Cavity growth models which consider
cavity interlinkage

In addition to superplastic materials being capable of
resisting neck formation, they also show a remarkable
tolerance to the presence of the cavities since cavity
volume fractions as high as 30% may be observed in
these materials. Many experimental observations
show that considerable coalescence of cavities may
occur along a direction parallel to the tensile stress
before failure occurs.

Stowell et al. [118] first developed a cavity growth
model considering interlinkage. It was assumed that
cavities were spherical in shape and that growth was
plasticity controlled. When two cavities touched
a large round cavity would immediately form. Pilling
[121] developed a cavity growth rate formula using
Stowell et al’s result by considering cavity coales-
cence. He proposed the following equation

Ar 8Vib(Ae)n[0.13r — 0.37f (r)Ae] + f(r)

Ae 1 — 4V;0(Ag)nAe

(34)

where ¢(Ag) = [1 + ne + n(Ag)?/27], Ar is the net
increase of the mean cavity radius, Ag is the net in-
crease of true strain and f(r) is the cavity growth rate
for which the cavity interlinkage effect is not con-
sidered. Based on Pilling’s result, Jiang et al. [122]
proposed a simpler formula for the cavity growth rate
which also addresses cavity interlinkage

dr

= 1)+ Vv (39)

If the cavity growth rate before cavity interlinkage is
power-law creep controlled then f(r)=r — 3y/2c
may be substituted into the above equation, giving

3y
20

When the cavity radius becomes sufficiently large the
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value of 3y/2c in Equation 36 becomes negligible in
comparison with the first term, »(1 + V). Thus,
Equation 36 for small cavities is reduced to
r

& o+ v &0
The above equation represents a much better descrip-
tion of the relationship between V, r, 1 and dr/de in
terms of its agreement with experimental results for
7475 Al during SPD [122].

Fig. 10 is a plot of cavity growth rate versus cavity
radius for the 7475 Al alloy deformed at 783 K. It can
be seen that during the early period of deformation,
because the average cavity radius is very small, cav-
ities generally grow according to a diffusion-control-
led mechanism. When their radii are larger than 1 um
cavities grow according to the power-law creep mech-
anism. However, when the cavity radii become suffi-
ciently large the prediction of cavity growth rate by
the power-law mechanism gives a value smaller than
the measured value. Furthermore, the difference be-
tween them increases with increasing cavity size, since
the power-law model of cavity growth does not con-
sider the interlinkage of cavities during SPD. The
experimental data are more consistent with the new
cavity growth rate formula which takes coalescence
into account.

Although cavity growth mechanisms during SPD
have been investigated cxtensively, the effect of con-
tinuous nucleation of cavities on cavity growth beha-
viour has not been resolved. Also, all the aforemen-
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Figure 10 Cavity growth rate versus cavity radius for a 7475 Al
alloy deformed at 783 K [122]. —— Theoretical; o—o, experi-
mental; d, 9 um; o, 4.5 MPa; &g, 833 x 107 4s™ 1.
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tioned models suggest that cavity shape is regular,
although generally the cavity shape is irregular. Fi-
nally, the interaction of cavities has been neglected.

3.5. Cavity shape changes during SPD
Generally, the shape of cavities formed during SPD
will be controlled by the cavity growth mechanism
[19, 43-46]. The vacancy diffusion mechanism is fa-
voured at low strains and, as a result, the cavities are
approximately spherical and randomly distributed.
For high strains the growth is controlled by plastic
deformation, and the cavities are more elongated and
aligned parallel to the tensile axis. Some cases of
intergranular fracture [123] and non-equilibrium dif-
fusion controlled cavity growth have been reported,
which apparently corresponds to crack-like cavities,

Recently, Jiang et al. [124] applied fractal geometry
in describing cavity shape changes during SPD. Be-
cause a higher fractal dimension generally corres-
ponds to a more complex cavity shape, the fractal
dimension of cavities increases with increasing strain.
Hence, the fractal analysis of cavity shape changes
provides a method for quantitative analysis of cavity
growth during SPD.

3.6. The transitions in rate controlling cavity
growth mechanisms

The mechanism by which cavities grow the fastest is
the rate controlling mechanism because the cavity
growth mechanisms are interdependent [112]. There
are two possible transitions that may occur during
cavity growth. First, there is a transition from cavity
growth controlled by GBD to that controlled by
power-law creep. Taking o, = 0.1 [112] in Equation
24 and combining Equations 24 and 27 gives

QéD,, 0\

where the value of 7, is the critical cavity radius for the
transition from diffusion to power-law cavity growth.
When cavity radius r < r;, cavity growth is controlled
by diffusion, and the cavity shape is approximately
spherical. But, when r > r,, cavity growth will be
controlled by power-law creep and the cavity shape
becomes elongated. The second transition is from cav-
ity growth controlled by superplastic diffusion of grain
boundaries to that controlled by power-law creep.
Combining Equations 27 and 28

4598ngi0

=4 &t 9

r
where r, is the critical radius for the transition from
superplastic diffusion to power-law cavity growth
mechanisms. Fig. 11 shows the variation in the cavity
growth rate with cavity radius for the diffusion, super-
plastic diffusion and plasticity controlled growth
mechanisms in a superplastic quasi-single phase Cu
alloy [147]. The transition points r, and r., are also
indicated in the figure.
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4. Models for predicting the ductility of

materials that fail by cavitation
Generally, the greater the strain rate sensitivity, m, the
larger the elongation to fracture, 8. There have been
many investigations into the relationship between
m and & [125-128]. Unfortunately, all of the models
resulting from these studies for predicting 8 neglect the
effect of cavity nucleation, growth and linkage and are
therefore only suitable for materials which are not
conducive to cavitation.

4.1. A fractal model for cavity fracture during
SPD

Fractals have been widely used in various fields to
describe some irregular phenomena in nature since
Mandelbrot [129] first proposed fractal geometry.
For example, the application of fractals provides an
effective tool in the study of highly irregular surfaces
[130-139]. It is now generally accepted that the fractal
dimension of a fracture surface is a characterization of
the roughness of the surface which has potential as
a parameter identifying the fracture mechanism.

A fractal model for cavity induced fracture of mater-
ials during SPD was recently proposed by Jiang et al.
[138], based on the fractal concept and the final frac-
ture of the specimen during deformation being due to
the tensile stress. A formula which describes the effect
of gauge dimensions and grain size of the material on
the value of § was derived. This equation is

hOWZDF -1
AB__O_dZ(l - Dg)

3(%
(%) L

(40)

where 8(%) is the fracture elongation, A is a parameter
correlated with the deformation condition, # is the

number of cavities nucleated at a given cross-section
of the specimen, vs is the fracture surface energy, d is
the grain size, Dy is the fractal dimension of the irregu-
lar path between cavities that coalesce, and Lo, w, and
hy are the specimen gauge length, width and thickness,
respectively. Equation 40 demonstrates that a reduc-
tion in grain size results in a larger value of 8. Also,
a larger elongation to failure can be obtained by
increasing the gauge width and thickness, or by de-
creasing the gauge length of the specimen. The predic-
tion of the formula is consistent with most experi-
mental results reported to date [140-143].

4.2, Cavity fracture model predicting tensile
ductility of superplastic ceramics
In recent years, remarkable developments have oc-
curred in achieving high tensile ductility in ceramic-
based materials [144-147]. Ceramic materials having
ultrafine-grain sizes (1 pm or less) and have been
shown to exhibit high strain rate sensitivity with ac-
companying high tensile elongations. One of the im-
portant features of superplastic ceramics is their capa-
bility of exhibiting large elongations to failure in spite
of significant concurrent cavitation. This observation
is often related to their resistance to transverse cavity
interlinkage. Chen and Xue [148] examined the duc-
tility of many superplastic ceramics and they con-
cluded that the elongation to failure is controlled by
the flow stress of the material so that although a high
strain rate sensitivity is necessary to preclude excessive
external flow localization, failure is dominated by the
accumulation of internal cavitation damage.

Kim et al. [149] examined failure in superplastic
ceramics, and they showed that the elongation to
failure in superplastic ceramics, g, is given by the
following expression

K"[¢exp (Q/RT)/HT

where K” and H are constants, and the exponent
f= —0.33. Since € exp(Q/RT) is proportional to o, it
is clear that the analyses of Chen and Xue [148] and
Kim et al. [149] relate to stress-controlled cavitation
fracture in superplastic ceramics.

Kim et al. [149] further proposed a fracture mech-
anics model which predicts that tensile ductility in-
creases with a decrease in flow stress, a decrease in
grain size and an increase in the parameter 2ys — Y.
The resulting formula for the elongation to failure is

Ive — l/q
& = In {[:_____( stcng)E] 0—2/q} 42)

where C, is the initial crack size (normally related to
grain size), g is a material constant, possibly related to
deformation and intergranular crack growth mech-
anisms, E is the elastic modulus and o is the applied
tensile stress. The prediction of the above formula has
been verified by many experimental observations
[149].

g = (41)

5. Sintering of cavitation
Because of the deleterious role of cavitation during
SPD, an extensive amount of research has been aimed
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at developing ways to restrict or suppress cavitation.
There are several possible strategies for restricting
cavitation: (1) restricting cavitation before SPD; (2)
reducing cavitation during SPD; and (3) removing
cavitation after SPD. These strategies are discussed in
turn in the following sections.

5.1. Reducing cavitation by annealing prior
to SPD

Small cavities can result from the various thermo-
mechanical treatments used to process superplastic
materials to obtain a fine grain structure, e.g. rolling
and quenching after recrystallization. Varloteaux
[150] recently proposed the procedure of reducing
cavitation by annealing before SPD. This procedure
can homogenize the material further before deforma-
tion in order to dissolve complex intermetallic com-
pounds which may melt when the alloy is heated to
the deformation temperature. This procedure may
also lead to some outgassing of the material. Experi-
mental results of 7475 Al alloys confirm that simple
annealing before deformation can significantly re-
duce subsequent cavity nucleation. But there are two
shortcomings of this method; one is that annealing
must be performed under vacuum and the other is that
grain coarsening is induced during annealing.

5.2. Reducing cavitation by hydrostatic
pressure

Experimental observations [44, 45, 151-153] have in-

dicated the following effects of introducing hydrostatic

pressure during SPD:

. decrease the cavity growth rate;

. decrease the level of cavitation at a given strain;

. increase the true strain for cavity nucleation;

. increase the elongation to failure;

. induce the transition in cavity shape from crack-
like to rounded quasi-equilibrium.

[ T R

It is generally considered that imposing hydrostatic
pressure is an effective method of reducing cavitation.
Bampton and Raj [151, 152] and Pilling and Ridley
[153] found that cavities could be reduced by super-
imposing hydrostatic pressure during SPD of 7475 Al,
8090 Al-Li alloy and Supral 220 Alloy.

One of the important reasons for imposing hydro-
static pressure during SPD is that it restricts cavity
nucleation by increasing the critical cavity nucleation
radius. In the case where superimposed hydrostatic
pressure, p, is present, o in Equation 6 has to be
replaced by o — p, which gives the critical radius as

2y  2d(c—p)

D) = g g @3)

Comparing Equations 6 and 43, r(p) is then larger
than r, for the same stress, .

Another important reason for using hydrostatic
pressure during SPD is that it restricts cavity growth.
In the case where superimposed hydrostatic pressure
is present, Equation 31 predicts that the cavity growth
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rate controlled by plasticity can be reduced by a con-
fining hydrostatic pressure (P > 0). This prediction
has been verified by experimental results for 7475 Al
and an Al-Li alloy [153].

Recently, Conrad et al. [154] demonstrated that an
externally applied electric field also reduced the level
of concurrent cavitation in a superplastic 7475 Al
alloy by decreasing the rate of cavity nucleation. The
effect of an electric field on cavitation is inferred to
result from its promotion of the migration of lattice
defects (vacancies and dislocations). This would lead
to a more complete accommodation of the stress con-
centration caused by GBS during SPD.

5.3. Reducing cavitation after SPD

Varloteaux [150] pointed out that annealing can re-
duce the cavity volume fraction generated during SPD
at high temperatures with or without pressure. There
are two important considerations for this procedure,
one of which is annealing after deformation can sinter
only small cavities, otherwise very long times are re-
quired. The other consideration is that pressurized
annealing can sinter large cavities in a relatively short
period of time and can thus be used industrially.

6. Concluding remarks

Much progress has been made in developing an un-
derstanding of cavity-induced fracture during SPD.
However, there are many questions which remain
unanswered. These questions concern the following
subject areas.

1. The effect of GBS on cavity nucleation and growth
behaviour. Most investigators consider GBS to be
the primary deformation mechanisms during SPD.
However, an alternative viewpoint based on GBS
measurements during torsion experiments suggests
that further experimental and theoretical research
should be carried out on GBS and its effect on
cavitation during SPD.

2. The effect of continuous cavity nucleation on cavity
growth behaviour. Not all available cavity growth
models consider this effect. However, continuous
cavity nucleation is frequently observed during
SPD.

3. The mechanism of cavity stringer formation, and
whether or not cavities are nucleated from pre-
existing microvoids during thermomechanical
treatment.

4. The processes involved in cavity nucleation and
growth during SPD of advanced ceramics, inter-
metallics, and composite materials.

5. The effects of impurity atoms and particles on cav-
ity nucleation and growth.
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